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Lightweight magnesium alloys are attractive as structural materials for improving energy

efficiency in applications such as weight reduction of transportation vehicles. One

major obstacle for widespread applications is the limited ductility of magnesium, which

has been attributed to hcþ ai dislocations failing to accommodate plastic strain.We

demonstrate, using in situ transmission electron microscope mechanical testing, that

hcþ ai dislocations of various characters can accommodate considerable plasticity

through gliding on pyramidal planes.We found that submicrometer-size magnesium

samples exhibit high plasticity that is far greater than for their bulk counterparts. Small

crystal size usually brings high stress, which in turn activates more hcþ ai dislocations in

magnesium to accommodate plasticity, leading to both high strength and good plasticity.

M
agnesium is the lightest structuralmetal,

with a density about 35% and 77% less

than that of aluminum and steel, respec-

tively (1). Magnesium alloys are actively

being developed because of their poten-

tial usefulness for improving energy efficiency

across the automobile, aircraft, and aerospace

industries, inwhich theweight savings translate

to lower energy consumption. However, the gen-

erally limited ductility of Mg at room tempera-

turemakes the processing and forming of profiles

and components difficult and costly. Consequen-

tially, low ductility has become onemajor obsta-

cle that hampers the widespread applications of

Mg products.

The ductility of Mg is intimately related to

the fundamental behaviors of pyramidal hcþ ai
dislocations (fig. S1), which are the major con-

tributor to c-axis strain (2, 3). High ductility of

Mg should therefore be achievable by generat-

ing more hcþ ai dislocations (4–7). However,

hcþ ai dislocations are thought to be intrinsi-

cally unstable by readily transforming into ses-

sile structures that cannot contribute to plastic

strain (8–10). In light of this generally accepted

understanding, proposed alloy design strategies

primarily stabilize the hcþ ai dislocation and

prevent the glissile-to-sessile transformation (11).

The glissile-to-sessile transformation is not ob-

served in some recent simulation studies (12–14),

in which hcþ aidislocations glide on pyramidal

planes, even though the actual slip plane is under

debate (15, 16). Controversy surrounds the fun-

damental behavior of hcþ ai dislocations, such
as their ability to accommodate plastic strain

and their slip pathways. This creates difficul-

ties in rationalizing themechanical behavior and

for alloy design. We exploited in situ transmis-

sion electron microscope (TEM) mechanical

testing (17, 18), three-dimensional (3D) image

reconstruction, and atomistic simulations to

resolve the prevailing uncertainties. Our results

document large plastic strainsmediated by abun-

danthcþ aidislocations gliding on both pyram-

idal I f10�11g and pyramidal II f11�2�2g planes.

We performed in situ TEM mechanical test-

ing at room temperature on submicrometer-size

pillars of Mg single crystals (table S1). The pillars

were fabricated by focused ion beammilling and

tested inside TEM (fig. S2). We compressed the

pillars along their c axis (Fig. 1 and movie S1),

with the misalignment angle at less than 5°. In

this condition, the hcior haidislocation slip and

f10�12gdeformation twinning are all difficult to

generate. We also conducted controlled experi-

ments with the electron beam switched off and

confirmed that the electron beam we used had

no obvious effect on the mechanical behavior

of the tested samples (fig. S3). We performed

g � b analyses (where g is the diffraction vector

and b is the Burgers vector) to determine the

Burgers vector of dislocations (19).

All the pillars we tested underwent uniform de-

formation and exhibited fairly large dislocation-

mediated plastic strains without failure (Fig. 1

and fig. S4). Dislocations were generated succes-

sively from the top region of the pillar, propagated

gradually toward the bottom part of the pillar.

With further deformation of the pillar, individual

dislocations became difficult to image because

their density was too high (Fig. 1C); therefore, we

found it hard to analyze the Burgers vectors of

these dislocations. To circumvent this difficulty,

we used trapezoidal-shaped samples to generate
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Fig. 1. In situ TEM compression test showing that dislocation slip is

responsible for the plastic deformation of anMg single-crystal pillar under

c-axis compression. (A) Hexagonal unit cell showing the loading orientation.

(B) Stress-strain curve. (C) Snapshots showing an increase in dislocation density

during compression. The dark-field TEM observation is conducted under a two-

beam condition. Electron beam direction e½
�2110� (a axis). e, engineering strain.
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a stress gradient from the sample top to root

(Fig. 2). During compression, we retracted the

flat punch once dislocations appeared at the

root (movie S2). Although the top was severely

deformed, and its image contrast was complex,

dislocations in regions near the sample root were

all clearly visible. The Burgers vectors of these

dislocations have both hci and hai components,

and hence they are hcþ ai. Presumably, the

generation and slip of the hcþ ai dislocations ef-
fectively accommodates the plastic strain.

The hcþ ai dislocations we observed in our

study usually exhibited half-loop and zig-zag

configurations (fig. S5A), similar to the hcþ ai
dislocations observed in bulkMg (4, 20–22). We

believe the existence of such configurations sug-

gests that hcþ ai dislocations have both edge

and screw characters and are thus of mixed type.

The half loop shown in Fig. 3A formed at the top-

right corner of the pillar and expanded con-

tinuously toward the lower-left corner during

straining until it reached the pillar surface (fig.

S6 and movie S3). This observation indicated

to us that the hcþ aimixed dislocations are

glissile, contributing to the plastic deformation,

implying thathcþ aiedge and screwdislocations

are also glissile. For some hcþ aidislocations,
some of their segments lie parallel to the inter-

section of pyramidal and basal planes and are

also perpendicular to the Burgers vector. Hence,

they are of edge type (see geometry analyses in

fig. S5). Such edge segments are glissile (Fig. 3B

and movie S4). Examination of other half loops

and edge segments indicated that they are all

glissile (fig. S7 and movie S5). Moreover, we ob-

served reversible motion of hcþ aidislocations
under cyclic loading (fig. S8 and movie S6). This

indicates that the hcþ aidislocations retained

their identity and mobility rather than becom-

ing sessile. The mobility of the hcþ ai disloca-
tions was further supported by our atomistic

simulation in which hcþ ai dislocations nu-

cleated during c-axis compression and glided

on the pyramidal planes (figs. S9 and S10 and

movie S7).

The straight segments lying parallel to the

pyramidal-basal intersection were reported pre-

viously (20). The presence of such long segments

has been attributed to lowmobility ofhcþ aiedge
dislocations (20), formation of sessile dislocation

locks along the pyramidal-basal intersection (23),

and dissociation of hcþ ai dislocations into par-
tials and basal stacking fault (8). Here, we pro-

pose that such rectilinear configuration can also

result from the formation of dislocation dipole

(Fig. 3C and movie S5). A straight dislocation

dipole can form when a dislocation is pinned

(marked by the yellow cross). The arrangement

of the dipole and its two neighboring segments,

1 and 2, gave rise to an e shape. Under the applied

stress, segments 1 and 2 glided toward the left,

accompaniedby the elongation of the dipole. The

geometry analysis indicated that this dipole was

pure edge. During further straining, segments 1

and 2 formed a junction, leaving debris behind.

The dislocation dipole and debris were both

sessile, which can serve as obstacles to other

dislocations. A likely mechanism for dipole

formation by way of cross-slip is shown in fig.

S11, similar to what has been proposed in other

hexagonal structures such as zinc (24).

The formation of such a dislocation dipole

requires cross-slip between two different pyram-

idal planes. Comparison of these two pyramidal

planes is shown in fig. S12. Although the cross-

slip of hcþ ai dislocations between pyramidal I

and II planes was studied in a computer simula-

tion (25), cross-slip has not been unambiguously

confirmed by experiments. Traditionally, the

hcþ ai slip plane is determined by slip-trace

analyses, which is usually compounded by the

lack of 3D information.We used a series of TEM

images to construct 3D tomography to reveal the

configuration and slip plane of hcþ ai disloca-

tion (fig. S13 and movies S8 and S9). Figure 4

shows 3D tomography of three hcþ ai disloca-
tions generated in c-axis compression. All three

dislocations exhibit a curvilinear shape, indi-

cating that they are mixed dislocations. When

the pyramidal II plane is edge on, the projection

of dislocation 1 becomes straight and lies on the

trace of the pyramidal II plane, indicating that

its gliding plane is pyramidal II (Fig. 4B). Simi-

larly, the slip plane of dislocation 3 is pyram-

idal I (Fig. 4C). Dislocation 2 lies on two adjacent

pyramidal II planes, indicating that cross-slip

occurred. Further gliding of its segments on the

two pyramidal planes would generate a disloca-

tion dipole.

Our submicrometer-size Mg single crystals ex-

hibit both higher strength and plasticity than
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Fig. 2. Diffraction contrast analyses of hcþ ai dislocations in a deformed trapezoidal sample.

(A) Schematic illustration of the testing configuration. The pillar root is four times larger than

the top. (B and C) Dark-field TEM images recorded from the same region. Electron beam

direction e½
�1010�.
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Fig. 3. In situ TEM showing the motion of hcþ ai dislocations in different samples. (A) Expansion

of a half loop. (B) Motion of an edge segment. (C) Formation of a dislocation dipole and debris.

Electron beam direction e½
�2110�. Schematic drawings of the moving dislocations are shown right to

the TEM images. Symbol p refers to the pyramidal plane, and p′ is an adjacent pyramidal plane

parallel to p. The red dashed line refers to the previous location of the moving dislocation.
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their bulk counterpart (26), leading to a phenom-

enon of “smaller is stronger and more ductile.”

This phenomenon likely originates from the fol-

lowing factors. Small crystals usually have few

preexisting dislocations, and therefore, a large

amount of stress is required to nucleate dislo-

cations. Once nucleated, dislocations can readily

escape to the surfaces before dislocation multi-

plication, necessitating increasing stress levels to

nucleate other dislocations or activate other dis-

location sources to continue plasticity. Such size

effects result in high stress in submicrometer-

sizeMg,which in turn activates abundanthcþ ai
dislocations to accommodate more plasticity.

Another reason for the good plasticity is the rich

surface sources for dislocations per unit volume,

due to the large surface-to-volume ratio, which

enables profuse dislocations to be generated

successively from the crystal surface. Moreover,

deformation twinning, which often occurs in

bulk Mg under c-axis straining and introduces

shear localization and stress concentration (27),

is not seen in our pillars. Therefore, no potential

twin-induced crack initiation sites exist in the

pillars,whichmay also contribute to the improved

plasticity. Furthermore, in a more general case,

the stress concentration associated with a flaw

in the tiny crystal is expected to be small, as

the stress concentration factor is related to

the flaw length over the flaw-tip radius. Our

small crystal dimension limits this flaw aspect

ratio. This prevents premature failure and al-

lows the small crystal to maximize its potential

ductility.

Our findings provide information on the mo-

bility of pyramidal dislocations and its relation-

ship with plasticity in pure Mg of small sizes,

as well as insights into strategies for achieving

long-sought plasticity in Mg that is traditionally

difficult to form at room temperature. Simulta-

neously promoting dislocations and suppressing

deformation twinning can be an effective strat-

egy in this regard. Our experimental strategy

can be extended to understanding the behavior

of other hexagonal metals by identifying which

microstructures promote or degrade proper-

ties such as strength and ductility.
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Fig. 4. 3D reconstruction revealing the pyramidal I and II gliding planes and cross-slip of

hcþ ai dislocations.The hexagonal unit cells indicate the viewing directions and the two pyramidal

planes. (A) Viewing direction is ½�2110�. Three curvilinear dislocations are selected for 3D analyses.

(B) Viewing direction is ½�1010�. In this orientation, the pyramidal II plane is edge on. Dislocation 1

is projected as a straight line, and hence, its slip plane is pyramidal II. For dislocation 2, segments 2.1

and 2.3 lie in different but nearby pyramidal II planes, indicating cross-slip of this dislocation.

(C) Viewing direction is ½�12�10�. The pyramidal I plane is edge on. Dislocation 3 is projected as a

straight line, and therefore, its slip plane is pyramidal I.

RESEARCH | REPORT

o
n
 J

u
ly

 5
, 2

0
1
9

 
h
ttp

://s
c
ie

n
c
e
.s

c
ie

n
c
e
m

a
g
.o

rg
/

D
o
w

n
lo

a
d
e
d
 fro

m
 



Large plasticity in magnesium mediated by pyramidal dislocations

Bo-Yu Liu, Fei Liu, Nan Yang, Xiao-Bo Zhai, Lei Zhang, Yang Yang, Bin Li, Ju Li, Evan Ma, Jian-Feng Nie and Zhi-Wei Shan

DOI: 10.1126/science.aaw2843
 (6448), 73-75.365Science 

, this issue p. 73; see also p. 30Science

Avoiding this mechanism should allow development of high-ductility magnesium and other metal alloys.
Perspective by Proust). The small samples suppress the deformation twinning that causes fractures in larger samples. 

 show that very small samples of pure magnesium are much more ductile than previously believed (see theal.

etand planes. The usual way to try to circumvent this poor ductility is by adding other elements, which can be costly. Liu 
Poor ductility is one limiting factor in widespread use of strong but lightweight magnesium alloys in cars, trains,

Smaller but more ductile
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